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Nanoconfined LiBH, as a Fast Lithium lon Conductor

Didier Blanchard,* Angeloclaudio Nale, Dadi Sveinbjérnsson, Tamara M. Eggenhuisen,
Margriet H. W. Verkuijlen, Suwarno, Tejs Vegge, Arno P. M. Kentgens,

and Petra E. de Jongh*

Designing new functional materials is crucial for the development of effi-
cient energy storage and conversion devices such as all solid-state batteries.
LiBH, is a promising solid electrolyte for Li-ion batteries. It displays high
lithium mobility, although only above 110 °C at which a transition to a high
temperature hexagonal structure occurs. Herein, it is shown that confining
LiBH, in the pores of ordered mesoporous silica scaffolds leads to high Li*
conductivity (0.1 mS cm™') at room temperature. This is a surprisingly high
value, especially given that the nanocomposites comprise 42 vol% of SiO,.
Solid state ’Li NMR confirmed that the high conductivity can be attributed to
a very high Li* mobility in the solid phase at room temperature. Confinement
of LiBH, in the pores leads also to a lower solid-solid phase transition tem-
perature than for bulk LiBH,. However, the high ionic mobility is associated
with a fraction of the confined borohydride that shows no phase transition,
and most likely located close to the interface with the SiO, pore walls. These

needed to achieve higher energy densities,
safer use, longer lifetimes and reduced
cost to meet the demand for example in
the transport sector and grid-scale storage
of renewable electricity."”l Conventional
Li-ion batteries use electrolytes made of
organic liquids or gels. They have high Li*
conductivity, but are flammable, causing
safety issues, and allow lithium dendrite
formation at the electrode-electrolyte inter-
face. These dendrites cause a decrease of
the cell capacity, reducing their lifetime,
not to mention the possibility of haz-
ardous short circuits.['34

All solid-state batteries are an alter-
native to the current state-of-the-art
lithium-ion batteries. Solid electrolytes
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results point to a new strategy to design low-temperature ion conducting
solids for application in all solid-state lithium ion batteries, which could

enable safe use of Li-metal anodes.

1. Introduction

The need to transform our society into one based on renewable
energy resources poses a grand challenge for science: to design
low-cost material systems based on abundant materials that
enable the efficient conversion and storage of renewable energy.
Rechargeable lithium-ion batteries are standard in today’s con-
sumer portable electronics, but substantial improvements are
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enable the assembly of all solid-state
cells with superior thermal and mechan-
ical stability (no leakage). Furthermore,
energy and power densities can be
increased. Lithium metal can be used as
anode, it has higher gravimetric energy
density than any materials used with liquid electrolytes and
as dendrite formation is suppressed, the space between the
electrodes can be reduced. However, while research on solid
electrolytes has been conducted over the past few decades, no
viable solution has emerged on the market so far. The chal-
lenge is to develop solid electrolytes with sufficient chemical
and electrochemical stability, while offering high lithium
ionic conductivity and negligible electronic conduction.l®l A
Li* conductivity of at least 1 mS cm™ is often cited as the
minimum conductivity required for electrolytes in consumer
batteries!”®l with electrode separator of thicknesses < 25 pm.[%!
For example 1 m LiPF; in ethyl-methyl carbonates, a widely
used organic liquid electrolyte, has a Li* conductivity of
12 mS cm™! at 27 °C.11%

Regarding solid electrolytes, only a few classes of materials
with sufficiently high ionic conductivity have been reported,
including some Perovskite and Garnet type oxides!''' and
compounds of the NASICONI'>' and LISICON families.!”]
However, they have some critical drawbacks such as low elec-
trochemical decomposition potential, instability towards contact
with elemental lithium and/or too high electronic conductivity.

LiBH, is an example of the family of complex metal
hydrides, solids with an ionic lattice, composed of metal cat-
ions (in this case Li*) and complex hydride anions (in this case
BH,"). The family includes other borohydrides such as NaBH,
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Figure 1. Left: schematic representation of the porosity in the MCM-41 ordered mesoporous silica scaffolds used to confine the LiBH,, showing a
cut out comprising only 7 pores; Middle: bright field transmission electron micrograph of a detail of a SiO, scaffold particle with 4.0 nm pore size;
Right: dark field electron micrograph of a the same SiO, scaffold after melt-infiltration with LiBH,.

and Mg(BH,),, and aluminum hydrides such as LiAlH, and
NaAlH,. Complex metal hydrides are in wide use as reductants
in organic synthesis, but it is only recently that their remark-
able properties and thus their potential as energy storage and
conversion materials have been recognized. Lithium borohy-
dride has been investigated extensively, both as a hydrogen
storage material'®22 and as a crystalline solid electrolyte mate-
rial for lithium batteries.?>~2% It is lightweight (0.666 g/cm?)
and has been shown to be electrochemically stable up to
5 VI21 LiBH,, like virtually all metal borohydrides, can be
found in different polymorphs, depending on pressure and
temperature. The orthorhombic Pnma phase, which is the
stable phase at room temperature, has a low ionic conductivity
(~10~ mS cm™ at 30 °C). However, the hexagonal P63/mmc
phase, firstly described as P6;mc,?8l which is stable at tempera-
tures above 110 °C under atmospheric pressure, has a remark-
able high ionic conductivity (~1 mS cm™ at 120 °C). The phase
transition can be shifted to lower temperatures by replacing a
fraction of the BH,™ anions by somewhat larger halide anions
(I, Br~ or CI),?31 leading to high Li* conductivity even at
room temperature. However, in the case of bromine and chlo-
rine substitution, phase segregation occurs with time,3%33
while the LiBH,-Lil solid solution electrochemical stability
window is reduced to 3 V.34

It is well established that interfacial effects and reduction of
the dimensions of solid materials by confinement in nanopores
can induce profound changes in functionality, although studies
have mostly been limited to the impact on the melting temper-
atures for solids such as ice, polymer and metals.’> Inves-
tigations on LiBH, confined in nanoporous carbon scaffolds
have been reported by several groups.**! Interestingly, high
hydrogen mobilities were reported at room temperature, based
on nuclear magnetic resonance (NMR) and quasi-elastic neu-
tron scattering (QENS) measurements, and attributed to reori-
entational jumps of the BH,~ units. However, carbon materials
have significant electronic conductivity and rather wide pore
size distributions with heterogeneous pore morphologies.
This hampers not only detailed studies on pore size effects, for
instance by NMR,#6#’] but also conductivity measurements and
precludes the use of such materials as solid electrolytes.

In contrast, silica has a very low electronic and ionic mobility,
which makes it an attractive scaffold to investigate confinement
effects on ionic conductivity and mobility. Ordered mesoporous
silica scaffolds with highly uniform and tunable pore sizes and
morphologies are available,*®l making them particularly suit-
able to systematically study confinement effects. The fact that
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most studies have focused on carbon scaffolds is undoubtedly
related to the high reactivity of LiBH, and its decomposition
products with oxides. However, we recently reported a suc-
cessful strategy to completely fill the pores of silica scaffolds
with LiBH, by melting infiltration, applying high hydrogen
pressures during heating to prevent reaction.*>>%

Here, we present for the first time a study on the impact of
nanoconfining LiBH, in ordered mesoporous SiO, scaffolds on
its structural phase transition, Li* ionic mobility and ionic con-
ductivity. We show that confinement of LiBH, in the nanopores
of silica scaffolds changes the stability of the different struc-
tural phases and yields, even at room temperature, high ionic
conductivities owing to fast lithium mobility. This is of great
relevance to the use of the nanocomposite as a solid electrolyte
for all solid-state batteries.

2. Results and Discussion

2.1. Confining Lithium Borohydride in Nanoporous Silica

For this study we employed ordered mesoporous silica scaffolds.
These scaffolds are unique in the sense that they present highly
ordered porosity, with monodisperse pore sizes tunable from =1.5
to 30 nm. We specifically used MCM-41 type scaffolds, with pores
that run parallel while being 2D hexagonally ordered (P6mm
symmetry) as schematically depicted in Figure 1 (left frame). N,
physisorption yields a total pore volume of 0.88-0.97 cm? g™! for
the scaffolds that we used. Their well-defined cylindrical pore
geometry allows very accurate pore size determination from the
analysis of the N, desorption branch using Non-linear Density
Functional Theory calculations. It yielded pore diameters of
4.0-4.5 nm. Figure 1 (middle frame), shows a bright field elec-
tron micrograph of an empty SiO, mesoporous scaffold, illus-
trating the ordered nature and monodispersity of the porosity.
After melt-infiltration of this scaffold with LiBH, (sample
LS-91), the pore structure of the silica is hardly discernable any-
more (Figure 1, right frame). The starkly reduced contrast is
due to the limited density difference between SiO, and LiBH,,
and a first evidence of the fact that the pores of the silica scaf-
fold are filled with LiBH,. Further evidence comes from EELS
detection, which confirms the presence of B in the silica matrix.
On a macroscopic scale, the successful melt infiltration of the
porous SiO, matrix with LiBH, is evidenced by the loss of pore
volume upon addition of the LiBH,. Also the sharp decrease
in the fingerprint of crystalline LiBH, in X-ray diffraction after
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sample preparation, which confirms the presence of nano-
confined LiBH, that lacks long-range crystallinity.*!] Comple-
mentary results on the pore diameters and the evidences of the
pore filling are provided in the Supporting Information.

2.2. Impact of Pore-Confinement on the Structural
Phase Transition

For bulk LiBH,, the high Li* ionic mobility is directly tied to
the solid-solid structural phase transition around 115 °C, thus
we first investigated the impact of nanoconfinement on the
temperature of the phase transition using differential scanning
calorimetry (DSC). Calorimetry is a very suitable technique to
detect phase transitions, even if the phases are not crystalline,
via heat evolution or absorption. With LiBH,, the measure-
ments are far from trivial as normally upon heating it starts
to decompose around the melting point.’!] Hence it requires
calorimetric equipment that combines high temperatures with
hydrogen pressure to prevent decomposition of the LiBH, prior
to or upon melting. Figure 2 (upper frame) shows a representa-
tive DSC measurement for bulk crystalline LiBH, cycling the
temperature between 50 and 300 °C. Upon heating, the low-
temperature orthorhombic phase, first an endothermic signal
(corresponding to the solid-solid phase transition at 115 °C to
form the high-mobility hexagonal LiBH, phase) is detected,
followed by a second endothermic signal (corresponding to
melting) at 285 °C. Upon cooling, solidification of the LiBH,
is observed with the same onset temperature. Upon further
cooling, the solid LiBH, reverts to the low-temperature phase.
The DSC measurements show that under applied hydrogen
pressure all phase transitions are fully reversible. Furthermore,

Heat flow (W.g™ LiBH,)

50 100 150 200 250 300
Temperature (°C)

Figure 2. Scanning differential calorimetric measurements showing the
heat effects occurring for bulk LiBH, (upper frame) and melt infiltrated
LiBH,4 in mesoporous silica of 4.0 nm pores (MI-91 — lower frame) upon
temperature cycling between 50 and 300 °C with 5 °C/min under 20 bar
H, atmosphere. The green dash line (upper frame) is for the physical
mixture of LiBH, and mesoporous silica prior to melt infiltration (PM-91).
Note the different scales in the upper and lower frames. The green traces
have been translated along the Y-axis. (*) phase transition and (x) melting
of the confined LiBH,.
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the solid-solid phase transition for a physical mixture of SiO,
and LiBH, is presented as a dotted curve (sample PM-91).
The phase transition peak is slightly broadened, which can be
ascribed to the poor heat conductivity of the added SiO,, but
a single peak with an onset at the same temperature as for
pure LiBH, is observed, and the enthalpy measured is in
accordance with the amount of LiBH, in the sample. This
shows that heating and cooling in this temperature range does
not cause any reaction between the SiO, and the LiBH,.

In the lower frame of Figure 2, an example of the heat effects
for the same sample after melt infiltration, that is, with LiBH,
confined in the pores of a silica scaffold with 4.0 nm pore size,
is shown (sample MI-91). Similar sharply defined thermal
events as for bulk LiBH, are observed at 110 and 281 °C. This
is because a larger amount of LiBH, has been used than the
corresponding pore volume of the silica matrix and a fraction
of LiBH, is present in crystalline grains outside the SiO, pores.
Signals from nanoconfined LiBH, are also observed and the
features, with an onset around 250 °C, are due to the melting
and solidification of the borohydride located into the pores.
The melting point depression is about 30 °C compared to crys-
talline LiBH,. Indeed, it has been well-established that nano-
confinement can shift melting points to considerable lower
temperatures, due to the significant contribution of the inter-
facial energy.*®! Considering the temperature range between
50 and 120 °C, next to the crystalline LiBH, transition around
115 °C, additional features are observed at significantly lower
temperatures, with an onset around 90 °C. Given the tempera-
ture range, it is safe to ascribe these features to a solid-solid
structural phase transition for the nanoconfined phase. Thus,
a clear effect of nanoconfinement is to significantly reduce the
temperatures for the phase transitions, both for the solid-to-
liquid as well as the solid-to-solid phase transition. Here again,
the measurements show that under applied hydrogen pressure,
all phase transitions are fully reversible.

For bulk LiBH,, enthalpies of 2.23 and 4.66 k] mol™! for
the solid-to-solid and solid-to-liquid phase transitions were
measured. They are 50-60% of the tabulated enthalpies of
4.18 kJ mol™! and 7.6 k] mol™ for the structural phase transi-
tion and for the melting and solidification, respectively.”? This
is most likely related to the unusual high hydrogen pressure
during the measurements (20 bar), causing heat leakage due
to the high thermal conductivity of the hydrogen gas, although
a minor contribution to the loss of active phase by oxidation or
reaction with air containing trace amounts of water during han-
dling and transport of the LiBH, cannot be strictly excluded. We
used the ratio between experimental and theoretical enthalpy
values for the pure LiBH, samples as a calibration of the
enthalpy for the nanocomposite samples that were measured
under exactly the same experimental conditions. The values
of enthalpies found for the solid-solid phase transition of the
nanoconfined LiBH, are much lower (about a factor five) than
the enthalpy for the crystalline LiBH, structural phase transi-
tion. It could be that the specific phase transition enthalpy is
reduced and/or that not all nanoconfined LiBH, undergoes a
solid-solid phase transition (see the following sections).

The phase transitions enthalpies at 281 °C and 110 °C allow
direct quantification of the amount of LiBH, that is not con-
fined in the pores, and hence of the amount of nanoconfined
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LiBH,. Reproducibility within one measurement (quantifying  exclude that concurrent processes like bulk, grain boundary or
the solid-solid transition enthalpy comparing heating and  interfacial conduction exist, but overlap in the Nyquist plots, as
cooling run) was generally within 2%. The standard deviation in this case it is not possible to separate these different contri-
for multiple measurements on identical samples, as well as  butions using only impedance spectroscopy.”>** The Nyquist
comparing the LiBH, solid-solid phase transition enthalpies plots are fitted using an (RQ) equivalent circuit model, i.e., a
for a series of physical mixtures was 6-9%. This quantification  resistor and a constant phase element in parallel (schematic on
was compared with the values estimated from the decrease in  Figure 3). The intersection of the semicircle with the Z” axis in
X-ray crystallinity upon melt-infiltration, assuming that none of  the low-frequency limit gives the pellet resistance, R. The con-
the nanopore confined LiBH, contributes significantly, because  ductivity of the electrolyte is then given by:
of the lack of long range ordering, to the peak intensities. This
yields with an error of 5-8% the crystalline fraction in the sam- d (1)
ples.*l As a matter of fact, both estimates, from calorimetry AR
and XRD agree remarkably well for all samples. We should
mention that the pore filling obviously depends on the mass  where d is the thickness of the pressed nanocomposite and A
ratio of LiBH, to SiO,. However, for the same LiBH, loading the surface area of the pellet. Arrhenius plots for the conduc-
(42-44 wt% LiBH,) samples with different degrees of pore  tivity of SiO,-LiBH, nanocomposites, with 60 (sample MI-60)
filling were obtained, 60% (sample MI-60) and 91% (sample and 91% (sample MI-91) pore filling, together with the one
MI-91), while with a loading of 35 wt% LiBH,, 81% was obtained ~ for bulk LiBH, and the physical mixture obtained prior to the
(sample MI-81). The variation is most probably related to the = melt-infiltration of MI-91 (noted PM-91), are shown in Figure 3,
mixing and resulting heterogeneity of the SiO, scaffold and  left frame. The slight hysteresis during temperature cycling can
LiBH, blend prior to the melt infiltration. This variation allows  be ascribed to a small temperature lag, as the thermocouple is
us to compare samples with nominally the same composition, not directly in contact with the pellet, rather than to intrinsic
but considerably different fraction of the LiBH, in the pores. sample properties.
For bulk LiBH,, a remarkable jump in the conductivity, three
orders of magnitude, occurs at the phase transition tempera-

2.3. Lithium lonic Mobility and Conductivity ture. Indeed at temperatures below 110 °C, LiBH, adopts the
poorly Li* conducting orthorhombic structure, while above this
2.3.1. Electrochemical Impedance Spectroscopy temperature it adopts the hexagonal highly conducting struc-

ture.?3%° For the nanocomposites, the first striking observation
Electrochemical Impedance spectroscopy (EIS) measurements is that no large jump in conductivity is observed around the
performed on the nanocomposite yield Nyquist plots consisting ~ bulk LiBH, solid-solid phase transition temperature. For MI-60,
of single, slightly depressed semi-circles (See Figure 3, top right  only a slight increase is observed, while for MI-91 an almost
frame for representative examples). Although this suggests that  monotonic evolution in the conductivity with rising tempera-
only one process contributes to the ionic conduction, we cannot  ture is observed for the whole temperature range. The second
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Figure 3. Left frame: Arrhenius plots of the ionic conductivities of SiO,-LiBH, nanocomposites and bulk LiBH,. The nanocomposites contain the same
amount of LiBH, (42 wt%) but the degrees of pores filling are different. Circles: sample melt-infiltrated MI-91, squares: sample melt-infiltrated MI-60,
green diamonds: physical-mixture PM-91, red triangles: bulk LiBH,. Red symbols: measurements performed during heating runs and blue symbols
during cooling runs. The jump at around 110 °C is due to the phase transition.?’l The SiO,-LiBH, data points are an average over seven (circles) or
two (squares) cycles in temperature. Top right frame: Nyquist plot obtained for the AC-EIS measurements on MI-91 at different temperatures (squares:
30 °C, circles: 50 °C, triangles: 80 °C. The dots are the experimental points, the lines the fits with (RQ) equivalent circuits (bottom right frame). R is a
resistor, Q a constant phase element.
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striking observation is that the low-temperature ionic conduc-
tivities for the nanocomposites are very high. For instance at
40 °C, the conductivity of MI-91 is 0.1 mS cm™, a value about
three orders of magnitude higher than for the bulk LiBH, at
this temperature. This is even more surprising when realizing
that a large fraction of these nanocomposites consists of highly
isolating SiO,. At high temperatures, above 120 °C, the conduc-
tivities of the nanocomposites are comparable to the high tem-
perature polymorph of bulk LiBH, with a value of 2.5 mS cm™!
(bulk) at 140 °C against 4 mS cm™ (MI-91). The ionic conduc-
tivity is very stable in time and against temperature changes.
Each data point in Figure 3, left frame, is an average over two
or seven temperature cycles, from 30 to 140 °C, and the whole
series of measurements were collected in two weeks, during
which time no degradation was observed.

The slopes of the Arrhenius plots are different for the bulk
borohydride and for the nanocomposite. For LiBH, confined in
the pores of the silica scaffold, the average apparent activation
energy, over the whole temperature range, is 0.43 eV for MI-91
and below 120 °C, 0.49 eV for MI-60. These values are lower than
the 0.55-0.56 eV[233 reported for Li* diffusion in bulk LiBH,4 in
the high temperature phase. The conductivity of the nanocom-
posite MI-60, with partial pore filling, is about a factor 2 lower
than that of MI-91. This supports the fact that the conductivity in
the nanocomposites is fully dominated by the very high intrinsic
conductivity of LiBH, confined in the nanopores, as for MI-60
the amount of LiBH, in the pores is about half of that of MI-91.
The fraction of the LiBH, in MI-60, being crystalline and outside
the pores, contributes to the slight jump in the conductivity at
temperatures above the structural phase transition. The physical
mixture (PM-91) shows similar trends as bulk LiBH4 with an
increase in the conductivity around the solid-solid phase transi-
tion. Below that temperature, the measurements are difficult as
the limit of the measuring range of the potentiostat is reached.
The conductivity of PM-91 is lower in magnitude than the one of
bulk LiBH, as the pellet contains only 42 wt% of borohydride. It
can be concluded that the scaffold has no impact on the conduc-
tivity when only physically mixed with the borohydrides.

In addition to the EIS, cyclic voltammetry measurements,
performed on asymmetric pellets with only one electrode
consisting of Li metal, proved the actual transport of lithium
through the solid electrolyte and the absence of detectable
electronic conductivity. In Figure 4, an example of cyclic vol-
tammetry measurements performed on MI-91 are shown.
The potential was increased from —3.5 V to 3.5 V at a rate of
20 mV S71. The current evolves linearly with the potential
reflecting lithium plating (negative potentials) and stripping
(positive potentials) on the electrodes. When all the plated
lithium is removed from the electrode, the current falls to zero.
Except the current due to the transport of Li* through the elec-
trolyte, no additional current is observed, indicating the absence
of any electrochemical reaction and electroactive species and
hence the high stability of this solid electrolyte in this potential
window. (See Supporting Information for further details).

2.3.2. Nuclear Magnetic Resonance

To study the origin of the unusually high ionic mobility in the
nanocomposites, we employed solid-state nuclear magnetic
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Figure 4. Cyclic voltammetry measurements performed at 40 °C on an
asymmetric pellet made of MI-91, with only one electrode consisting of Li
metal. The potential is increased from —3.5 V to 3.5 V and then decreased
to 0 V at a rate of 20 mV S™'. Green long dashed line: first measure-
ment, blue dotted line: second measurement, red short dashed line: tenth
measurement.

resonance. The dynamics in bulk LiBH, have been studied
extensively by NMR. In the orthorhombic low-temperature
polymorph, the NMR relaxation and line-shape parameters are
mostly influenced by two different rotational jump processes of
the BH, units.?*] At 110 °C, the phase transition to the hex-
agonal high-temperature phase is observed, which in addition
to the dynamics of the BH, units brings about a high mobility
of the Li* ions. This is witnessed through relaxation studies and
the disappearance of dipolar broadening of the ’Li resonance.
As shown by the 7Li MAS NMR study by Arnbjerg et al.,**!
the quadrupolar interaction of the 7Li resonance increases
upon going from the orthorhombic to the hexagonal phase,
indicating a lower symmetry of the Li-site in the latter phase,
despite its higher Li* mobility. Our ’Li-spectra for bulk LiBH,
above the transition temperature (Figure 5, left frame) also
clearly displays the effect of a finite quadrupolar interaction
(Cq = 36.8 kHz). Rapid hopping of the Li-ions over the lattice
sites results in a time averaged electric field gradient reflecting
the symmetry of the crystal. As the high temperature phase is
hexagonal, fast isotropic motion of the Li-ions will not average
the quadrupolar interaction to zero. Based on °Li and 7Li relax-
ometry data, Epp and Wilkening!?! report that Li* diffusion in
the high-temperature phase of bulk LiBH, is anisotropic. Ani-
sotropic motions will in general lead to only partial averaging of
NMR interactions.

Figure 5 (middle frame) shows solid state ’Li NMR meas-
urements of LiBH, confined in the 4.0 nm pores of ordered
mesoporous silica (MI-91) together with the evolution with
temperature of the line widths of the two observed compo-
nents and their relative fractions. As a reference (left frame),
the spectra for bulk LiBH, are also shown. The peak widths
in these spectra are a reflection of the Li* mobilities in the
samples, with the narrower peak indicating higher mobilities
averaging dipolar and quadrupolar interactions. Striking dif-
ferences are observed comparing the nanocomposites to bulk
LiBH,. The spectrum for bulk LiBH, clearly shows a sudden
transition from a phase with a low Li* mobility (broad peaks)

Adv. Funct. Mater. 2015, 25, 184-192
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Figure 5. Static-solid state ’Li NMR (with 'H decoupling) measurements. Left frame: results for bulk LiBH, with the sharp phase transition from the
low Li* mobility phase (broad lines) to the high Li* mobility phase (narrow lines) at temperatures close to 110 °C clearly visible. Middle frame: Results
for LiBH, confined in 4.0 nm pores (MS-91 high filling degree). Remarkable is the contribution of a narrow line (high Li* mobility) already observed at
room temperature, the absence of a clear mobility transition as a function of temperature, and the fact that lineshape deconvolution clearly indicates
the presence of a more and a less mobile Li* fraction. Top right frame: Evolutions of the broadening of the narrow and broad lines with temperature
for LiBH, confined in 4.0 nm pores (MS-91, high filling degree). Bottom right frame: Evolutions of the spectral areas of the narrow and broad lines
with temperature for LiBH, confined in 4.0 nm pores (MS-91, high filling degree).

at low temperatures, to a phase with a high Li* mobility
(narrow peaks for the central and satellite transitions of the 7Li
(I =3/2) system) at high temperatures. For the nanocomposite,
the peaks comprise two components; a broad line with a line
width similar to that of the low-temperature bulk phase and a
substantially narrower line. We interpret this as the presence of
two components with different Li mobility; the broad line rep-
resents a lower Li-mobility phase and the narrow line a phase
with high Li mobility. It should be noted that the broad line
could also contain contributions from the satellite transitions.
The narrow line is present at room temperature, indicating the
existence of highly mobile Li* already at this temperature, in
line with the high ionic conductivity found in the conductivity
measurements. Assuming that the quadrupolar interaction of
the narrow component is negligible, at temperatures from 20 to
100 °C a rough estimation of the spectral areas of the two com-
ponents shows that about 30% comes from the highly mobile
Li* and about 70% from Li* with low mobility. This means that
approximately 30% of the nanoconfined LiBH, shows a high
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mobility at room temperature. While temperature increases,
we observe a continuous narrowing of the narrow Li-resonance
indicating a continuous increase of the Li* diffusion in line
with the conductivity measurements. Unfortunately detailed
analysis of the broad spectral component as a function of
temperature is hampered by its complicated shape at high
temperatures, which is markedly different from that of pure
crystalline LiBH, above the transition temperature. It will be
the topic of further studies.

The NMR results clearly show that the high ionic conduc-
tivity found for the nanocomposites at room temperature is
due to the high mobility of Li* ions in a fraction of the nano-
confined LiBH,. There is evidence of two types of Li*, with
clearly different mobilities. The very high mobility of a frac-
tion of the Li* explains the high ionic conductivity measured
over the whole temperature range, while the mobility of the
other fraction is so much lower that it should not contribute
significantly to the AC ionic conductivity measured at room
temperature.
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2.3.3. Nature of the Nanoconfined LiBH 4 and High lonic
Conductivity

It is clear from the NMR measurements that two distinct Li*
mobilities are found for LiBH, confined in the nanopores of
the SiO,. In theory, the existence of two different types of Li* in
a single LiBH, phase is possible, for example, by the formation
of a Frenkel pair and presence of interstitial lithium.>® However,
it is more likely that the nanopores contain two different frac-
tions of LiBH,. Indications of the existence of these two fractions
come from previously reported data on the mobilities in LiBH,
confined in nanoporous carbon. Shane et al.*Yl found, from an
NMR study on LiBH, confined in 13 and 25 nm pore-size carbon
aerogels, two clearly different contributions in terms of hydrogen
and lithium mobility. Based on the fact that the mobile hydrogen
fraction was larger in the sample with the smallest pores, they
proposed a core-shell model with bulk-like core regions having
slow-moving BH,~ anions, and layers with fast-moving anions
near the scaffold wall and grain boundaries. Also quasi-elastic
neutron scattering (QENS) yielded data on the hydrogen mobility
for carbon-confined LiBH, samples, showing fast BH, rotation
below the bulk structural phase transition temperature.[*>%>
Verdal et al.®! distinguished two quasielastic components, a
narrower component presumably associated with more slowly
reorienting BH,~ anions and a broader component with much
more rapidly reorienting BH,. Attributing the LiBH, with the
rapid reorienting BH,™ units to an interfacial LiBH, layer near
the carbon pore walls, they proposed an interfacial layer thick-
ness of about 0.4 nm, value similar to the one obtained at room
temperature by Shane et al.**l However, it should be noted that
these calculations are based on a pore size determination using
Barrett-Joyner-Halenda analysis, which is known to significantly
underestimate the pore sizes in the nanometer range.l! Fur-
thermore, the heterogeneity of the carbon scaffold pore geom-
etry hampers such a quantitative interpretation.

In the present paper, and for the first time, data are pre-
sented on the Li* mobility for LiBH, confined in the monodis-
perse and cylindrical pores of SiO, scaffolds. In this case, two
different mobilities are observed, with the high one existing at
temperatures far below the bulk crystalline LiBH, phase tran-
sition temperature, but also below the temperature at which a
fraction of the confined LiBH, undergoes a phase transition.
This allows us to identify that indeed two different fractions of
LiBH, are present in the pores, and that only a part of the nano-
confined LiBH, undergoes a solid-solid phase transition similar
to bulk LiBH,, albeit at much lower temperatures. The high Li*
mobility measured with NMR, and also the high ionic conduc-
tivity that is reported for the first time here, are entirely domi-
nated by LiBH, that does not undergo any measurable mobility
transition. The indication for the existence of different fraction
within the pores is also reinforced by the DSC measurements
and the amounts of heat recorded during the phase transition
of the confined borohydride and which are significantly lower
than expected if all the nanoconfined LiBH, would undergo the
phase transition.

In the present case, the highly defined nature of the porosity
of the scaffold as well as the accurate pore size determination
facilitated by the well-defined cylindrical pore geometry and
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smooth pore walls, allows us to quantify, accordingly to the
core-shell model used by Verdal or Shane, the thickness of the
conductive interfacial layer accurately. From the NMR measure-
ments, we observed that for MI-91, 30% of the nanoconfined
LiBH, exhibits high lithium mobility at room temperature. In
the 4.0 nm nanopores of the MCM this means, assuming the
same density for the two fractions, a shell layer thickness of
1.0 nm. However, the present measurements do not fully prove
the proposed model, because the exact nature of the conduc-
tivity is not directly probed. At present, it cannot be excluded
that the conductivity is only interface related and/or due to
physical confinement. For instance strain could be induced by
the different thermal expansion coefficients of the scaffold and
the LiBH,, increasing the interionic distances.’® Further, more
detailed, investigations will be necessary to unequivocally iden-
tify the origin of the observed high ionic mobility.

3. Conclusions

We present a study of the impact of LiBH, infiltration into
the nanopores of ordered mesoporous SiO, scaffolds on its
structural phase transition, Li* ionic mobility and ionic con-
ductivity. Clearly two different fractions of LiBH, are present
in the pores. One fraction, probably present in the center of
the pores, resembles crystalline bulk LiBH, in the sense that
it undergoes a solid-solid phase transition, which is shifted
to lower temperatures (from 110 °C to 90 °C in the case of a
4.0 nm pore scaffold) as a result of the reduced dimensions,
while NMR measurements also suggest that its structure might
be slightly different from that of bulk LiBH,. Surprisingly, a
very high ionic conductivity for nanoconfined LiBH, is found
far below the transition temperatures, with even at room tem-
perature reaching 0.1 mS cm™, a value about three orders of
magnitude larger than that of bulk crystalline LiBH, at this
temperature. The very high ionic conductivity is correlated to a
fast Li* mobility as evidenced by Li NMR measurements, which
confirms that it persists to such low temperatures. At high tem-
peratures, the conductivity of the mobile nanoconfined fraction
of LiBH, is even clearly higher than that of the high tempera-
ture, high mobility phase of crystalline LiBH,, especially taken
into account that the nanocomposite samples also comprised
42 vol% of isolating SiO,. No mobility transition temperature is
observed for the nanoconfined LiBH,, which signifies that the
ionic conductivity and Li* mobility are dominated by the fraction
of the nanoconfined LiBH, that does not undergo a solid-solid
phase transition, i.e., a fraction which is probably present near
the interface between the LiBH, and the SiO, pore walls. Due to
the well-defined porosity of the scaffolds, the average thickness
of this interfacial high Li* mobility layer is trustfully determined
to be 1.0 nm for 4.0 nm pore scaffolds at room temperature.

The DSC runs, IES measurements and cyclic voltammetry
curves prove that the nanocomposites are stable in tempera-
ture, up to at least 140 °C and electrochemically stable at poten-
tials suitable for Li-ion batteries.

A better understanding of the nature of the high-mobility
phase and the influence of structural parameters are expected to
allow a further increase in effective ionic conductivity. Our results
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point to a new strategy to design low-temperature ion conducting
solids for application in all solid-state lithium ion batteries.

4. Experimental Section

Preparation of the Pore-confined LiBH,: MCM-41 mesoporous scaffolds
are synthesized according to the procedure reported by Cheng et al.l*
The composition of the reaction mixture is 1 Si0,:0.25 CTAB:0.20
TMAOH:40 H,0. Aerosil 380 is used as a silica source. The mixture is
stirred at 40 °C for 1 h, and then left to age for 20 h. It is subsequently
transferred to a Teflon-line steel autoclave, and hydrothermally treated for
48 h at 140-150 °C. The product is filtered, washed extensively and dried
at 60 °C for 12 h and at 120 °C for 9 h and then calcined at 550 °C for 8 h.
The SiO, scaffolds are dried again, prior to infiltration, under an Ar flow at
200 °C for at least 24 h. For the LiBH, infiltration, the required amounts of
dried silica scaffold and LiBH, are mixed in a graphite sample holder and
placed into a stainless steel autoclave. An initial pressure of 100 bar of H,
is applied and the mixture is heated at 3 °C min~" to 295 °C (LiBH4 melting
point 278 °C) and then kept at 295 °C for 25 min. at a final pressure of
180 bar of H,. Afterwards, the impregnated scaffold is cooled down to
room temperature and the hydrogen pressure released. A loading of
34 wt.% LiBH,, nominally corresponds to exact filling of the total pore
volume of the porous SiO, matrices. Typically a 20-30% higher weight
loading was applied to ensure complete pore filling. All sample handling
and storage is under Ar atmosphere in a glove-box (contamination typically
less than 0.1 ppm of O, and H,0) to avoid exposure and contamination.

Structural Characterization: Structural characterization is performed
using N, physisorption, transmission electron microscopy (TEM)
and X-ray diffraction (XRD) measurements in airtight sample holders.
N, physisorption measurements are performed at —196 °C, using a
Micromeritics Tristar 3000 apparatus. Prior to analysis, the samples
are dried under N, for 16 h at 250 °C. Their pore size distributions are
calculated from the N, desorption branch using the method of Barrett-
Joyner-Halenda (BJH) with the Harkins and Jura thickness equation or
more accurately using Non-linear Density Functional Theory calculations.
TEM images are acquired with an FEI Tecnai 20F (equipped with a Field
Emission Gun) and operated at 200 kV. A small amount of sample is
placed on a 200 mesh Cu grid coated with a carbon polymer film in the
glovebox and transferred into the microscope. The samples are exposed
to air for no longer than 5 s. Energy-dispersive X-ray spectroscopy (EDX)
and electron energy loss spectroscopy (EELS) are used for elemental
analysis. XRD patterns are obtained at room temperature, varying 26
from 18 to 75°, with a Bruker-AXS D-8 Advance X-ray diffractometer
setup using CoKoy, , radiation with A =1.79026 A

Calorimetry: Differential Scanning Calorimetry (DSC) measurements
were performed with an apparatus from Mettler Toledo (HP DSC1). The
samples were measured while ramping at 5 K/min under a pressure of
20 bar H, with a flow of 20 mL/min. The equipment was calibrated for
temperature and heat flow under 1 bar H, using standard Zn, In and Al
calibration references, and by using the pure LiBH, as a reference for
the absolute enthalpies under hydrogen pressure (see the Supporting
Information of more details).

Solid State Nuclear Magnetic Resonance (NMR): Solid-state NMR
experiments were performed on a 600 MHz Varian VNMRS spectrometer
using a 2.5 mm HX MAS probe. Static NMR experiments were
performed in a dry N, gas flow because of the sensitivity of the samples
to H,0. Single Pulse Excitation (SPE) spectra of ’Li were obtained using
a 0.2 ps pulse at a rf-field strength of 140 kHz. A recycle delay of 5 s was
used and no proton decoupling was applied.

Electrochemical Impedance Spectroscopy (EIS): The conductivity of the
impregnated scaffolds and LiBH, is measured by alternating current
impedance spectroscopy using a PARSTAT 2273 potentiostat. The bulk or
nano-confined LiBH, are pressed into pellets of diameter 13 mm and
thickness of 5 mm in between two lithium foils (Sigma Aldrich Co., purity
99.9%) serving as electrodes. A pressure of 1 ton/cm? is used, giving
a final porosity estimated to be around 0.3 to 0.4. All preparation and
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measurements are carried under Ar atmosphere. The frequency range of the
AC impedance measurements is set from 100 mHz to 1 MHz. The pellets
are cycled in temperature from 30 °C to 140 °C. Before each measurement,
a 60 min dwell time is used for the pellet temperature to equilibrate.

Supporting Information

Supporting Information is available from the Wiley Online Library or
from the author.
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